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Metastable phase formation from undercooled melt
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Kazuhiko Kuribayashi∗, Shumpei Ozawa
Institute of Space and Astronautical Science, Japan Aerospace Exploration Agency,

3-1-1, Yoshinodai, Sagamihara, Kanagawa 229-8510, Japan

Available online 13 June 2005

Abstract

The undercooled melts of the Nd–Fe–B alloy, the chemical composition of which is stoichiometric Nd2Fe14B, solidified during free fall
in a 26 m drop tube. The microstructures of the as-dropped samples were examined using X-ray diffraction analyzer and a scanning electron
microscope with an energy dispersive X-ray analyzer. The microstructures were classified into two types: type I is the mixture of properitectic
�-Fe and peritectic Nd2Fe14B, and type II is the monochromatic metastable phase having a crystal structure similar to that of rhombohedral
Nd2Fe17. The samples cooled at relatively low cooling rates were observed to be type I and the samples cooled at relatively high cooling rates
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ere observed to be type II. The high cooling rate followed by high undercooling facilitates the formation of the metastable phase
he undercooled melt. The critical conditions for the formation of the metastable phases in the undercooled melt are thermodyna
inetically discussed.
2005 Elsevier B.V. All rights reserved.
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. Introduction

It is well known that the superiority of Nd–Fe–B magnets
esults from the intermetallic Nd2Fe14B hard magnetic phase,
hich is formed via a peritectic reaction between the properi-

ectic Fe phase and the liquid phase. In the cast Nd–Fe–B
lloy, however, the properitectic Fe phase, the morphology
f which is usually dendritic, remains undissolved. The rea-
on is that the rate of the peritectic reaction is controlled by
he solid-state diffusion of Fe in the precipitated Nd2Fe14B
hase. As an attempt to form Nd–Fe–B alloy free of the�-
e, the direct crystallization of the Nd2Fe14B phase from the
ndercooled melts is carried out by containerless process-

ng, such as electromagnetic levitation or free falling in a
rop tube. In these studies[1–4], it has been expected that
apid solidification into the undercooled melt can reduce the
mount of�-Fe. The experimental results, however, showed

hat the metastable Nd2Fe17Bx phase was formed instead of
he Nd2Fe14B phase.

∗ Corresponding author.

If melts are undercooled to far below the equilibri
melting temperature, various solidification pathways oc
such as crystallization to stable and metastable phases,
crystallization and vitrification. Since vitrification is a ph
nomenon indicating deviation far from the equilibrium st
the thermodynamic and kinetic conditions are very sim
that is, merely to cool the melt rapidly in order that the crit
nucleus may not be formed. In the case of the crysta
tion of metastable phases, however, the thermodynami
kinetic conditions are complex. There must be critical c
trol of the undercooling level and cooling rate. In the pre
study, using Nd–Fe–B alloys as a model material, the cr
condition for the forming of metastable phases was stu
from the thermodynamic and kinetic points of view.

2. Experimental

In the present study, the stoichiometric Nd2Fe14B alloy
whose chemical composition is Nd11.8Fe82.3B5.9 was used
as the model material. High-purity elemental materials
E-mail address: kuribayashi@isas.jaxa.jp (K. Kuribayashi). 99.9%, Fe 99.99% and B 99.8%) were alloyed to form a
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source ingot using an inductive melting furnace in an atmo-
sphere of inert gas. The source ingot, after being cut into
small pieces, was cleaned acoustically in acetone and then
placed in a quartz crucible with an orifice from 0.1 to 0.5 mm
in diameter at the bottom. The quartz crucible was set in the
vacuum chamber mounted at the top of the drop tube.Fig. 1
shows schematic drawing of the drop tube used in the present
experiment, the free fall length of which is 26 m[2]. The drop
tube was initially evacuated to 1× 10−4 Pa and then back-
filled with either Ar or He of 99.9995% purity, which were
used for changing the cooling rate of falling droplets, that
is, Ar was used for achieving a relatively low cooling rate
and He vice versa. The source ingot was inductively heated
to 1650 K and held for 5 s at this temperature, to ensure it
to be completely melted. The temperature of the melt was
monitored at the center of the crucible with a thermocou-
ple sheathed in quartz glass. Then, the melt was ejected into
the drop tube through the orifice by controlling the gas pres-
sure in the crucible. The samples collected at the bottom of
the drop tube were classified into several groups according
to their diameters, which ranged from 300 to 1500�m. The
shape of the as-dropped samples was almost spherical. This
means the samples solidified without touching the container
wall that has a strong catalytic potential for inducing hetero-
geneous nucleation. In addition, the decrease in the number of
potential nucleation sites in a droplet with decreasing diam-
e oling
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3. Results

In spite of the high oxidization tendency of the Nd–Fe–B
alloy in ambient air, the surface of the as-dropped samples
exhibited a metallic luster. This means the droplets solidi-
fied in the oxygen-free atmosphere.Fig. 2 shows the XRD
patterns of the as-dropped samples with various diameters
in the range from 200 to 1200�m, where (a–c) denote the
samples dropped in the Ar atmosphere, and (d and e) denote
the samples dropped in the He atmosphere. For comparison,
the XRD pattern of the source ingot is also depicted. The
XRD patterns of (a and b) agree well with that of the source
ingot, for which the tetragonal Nd2Fe14B phase and the�-Fe
phase are well indexed. On the other hand (c–e), where the
�-Fe phase is not clear, show the diffraction profiles indexed
according to that of rhombohedral Nd2Fe17. Compared with
the XRD pattern of the source ingot, a limited number of
diffraction peaks are shown in the (c–e) profiles. This means
that the lattice symmetry of the phase concerned is higher
than that of the Nd2Fe14B phase, being similar to the case
of the metastable phase in rare earth ferrite formed from the
highly undercooled melt[5].

Fig. 3(a–e) show the cross-sectional microstructures
of the as-dropped samples with various diameters, where
Fig. 3(a–c) show the samples dropped in Ar, andFig. 3(d and
e) show the samples dropped in He. As shown inFig. 3(a),
t one
i d the
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t ecipi-
t vely.
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d
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ter is also favorable for enhancement of the underco
evel.

The bulk composition of the as-dropped samples
nalyzed by inductively coupled plasma atomic emis
pectrometry (ICP-AES). The constituent phases of the
les were identified by powdered X-ray diffraction (XR
nalysis using Cu K� radiation at room temperature. T
icrostructure of the samples was examined using a
ing electron microscope equipped with an energy dispe
pectra (SEM–EDS) analyzer.

Fig. 1. Schematic illustration of drop tube used in present experime
wo types of precipitates were observed in the matrix;
s segmented dendrite embedded in the matrix grain, an
ther is an intergranular precipitate. The EDS analysis re

hat the segmented dendrites and the intergranular pr
ates are the�-Fe phase and the Nd-rich phase, respecti
t is evident that the�-Fe phase was formed via a solid-st
ransformation from the properitectic�-Fe phase. The chem

ig. 2. XRD patterns of source ingot and as-dropped samples
= 1200�m in Ar; (b) d = 400�m in Ar; (c) d = 200�m in Ar; (d)
= 1200�m in He and (e)d = 400�m in He.
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Fig. 3. Microstructures of as-dropped samples: (a)d = 1200�m in Ar; (b) d = 400�m in Ar; (c) d = 200�m in Ar; (d) d = 1200�m in He and (e)d = 400�m
in He.

ical composition of the matrix was nearly equal to that of the
source ingot. With the help of the XRD analysis shown in
Fig. 2, it is clear that the matrix is the Nd2Fe14B phase. The
phase constituent of the sample with a diameter of 400�m
dropped in Ar was almost the same as that of the sample with
a diameter of 1200�m, except that the grain size was more
refined and the�-Fe dendrites were finely segmented. In the
sample with a diameter of 200�m, however, the phase con-
stituency was clearly different from those of samples with
diameters of 1200 and 400�m. As shown inFig. 3(c), there
were no�-Fe dendrites in the matrix. These results, from
the XRD and EDS analyses, indicate that the matrix of the
sample with a diameter of 200�m dropped in Ar was not the
Nd2Fe14B phase but the metastable phase that has the same
crystal structure as that of Nd2Fe17 and a chemical compo-
sition similar to that of the source ingot. This means that
the increase in cooling rate due to the decrease in droplet
diameter suppresses the nucleation of�-Fe, and therefore,
increases undercooling degree. Hence, deep undercooling
was achieved and then the partitionless metastable phase

with the crystal structure of Nd2Fe17was directly formed
from the undercooled melt. On the basis of this presump-
tion, it is expected that free falling in an atmosphere of He
facilitates the formation of the metastable phase even in sam-
ples with relatively large diameters. As shown inFig. 3(e),
the microstructure of the sample with a diameter of 400�m
dropped in He is similar to that shown inFig. 3(c), even
though the sample diameter is twice as large as that of the
sample shown inFig. 3(c).

Summarizing these results, we have arrived at a prelimi-
nary conclusion, that is, the microstructures of the as-dropped
Nd–Fe–B alloy can be classified into two types; type I is a
mixture of properitectic�-Fe and peritectic Nd2Fe14B, and
type II is a monochromatic metastable phase. In the sam-
ple with a diameter of 1200�m dropped in He, however, the
microstructure is neither type I nor type II. The microstruc-
ture shown inFig. 3(d) consists of fine irregular lamellae of
white and dark phases embedded in the column matrix, the
morphology of which is similar to eutectoid structures such as
“pearlite” in carbon steel. The average interlamellar spacing
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is smaller than 1�m. This indicates that the microstructure
shown inFig. 3(d) was formed by the solid-state reaction
in the metastable phase during the postsolidification cooling
stage.

4. Discussion

As mentioned in the previous section, the microstruc-
tures of the as-dropped samples were classified into two
types: type I is the microstructure formed via the peritec-
tic reaction between the properitectic�-phase and the alloy
melt, where the predominant phase is Nd2Fe14B, and type
II the metastable phase free from�-Fe. The crystal structure
of the metastable phase is that of Nd2Fe17 and the chemi-
cal composition is similar to that of the source ingot. The
type II microstructure is directly formed from the under-
cooled melt when the cooling rate of the falling droplet is
sufficiently high for the properitectic�-Fe phase not to be
nucleated.

According to these experimental results, it is clear that
the high cooling rate followed by high undercooling facil-
itates the direct formation of the metastable phase in the
undercooled melt. In this section, then, we discuss the ther-
modynamics and kinetics of the metastable phase in the
undercooled melt, and then extract the critical condition for
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Fig. 4. Gibbs free energyG as function of temperature for liquid L and two
different solid statesS1 andS2 at constant pressure: (a) case in whichS2

intersects withS1 at Ttr below equilibrium melting temperature; (b) case in
which S2 does not intersect withS1.

4.2. Thermodynamic condition for metastable phase to
nucleate

According to classical nucleation theory[7], the activation
energy required for the formation of a critical nucleus,�G*,
is given by:

�G∗ = 16πσ3f (θ)

3�G2 (1)

whereσ is the interface energy,f(θ) the contact angle function
showing the catalytic potency for heterogeneous nucleation
and�G is the Gibbs free-energy difference between the liq-
uid and solid phases. Assuming the simplest approximation
of �G, such as�G =�Sf�T, an equivalentf(θ) for stable and
metastable phases, and the negentropic model of the interface
energy, that is,σ =α�SfT/N1/3Vm

2/3 [8], Eq.(1) is rewritten
as:

�G∗ = 16πα3�SfT
3

3NV 2
m�T 2 (2)

where �T is undercooling expressed byTE − T, N Avo-
gadro’s number andVm is the molar volume. The scaling fac-
tor α, which depends on the crystal structure of the nucleus,
was calculated as 0.86 in the cases of fcc and hcp structures,
and 0.71 in the case of the bcc structure[8]. Furthermore,
α for
s

he nucleation and growth of the metastable phases i
ndercooled melts.

.1. Free energy as a function of temperature for melt,
etastable phase and stable phase

Fig. 4 shows the schematic drawings of the Gibbs
nergy,G, as a function of temperature for the liquid pha
, and two different solid states,S1 and S2, at a constan
ressure[6]. According to the definition of the Gibbs fr
nergy, the slope of theG(T) curve corresponds to the entro
ith a negative sign. If we express the entropy of the stat

L, S1 andS2, the relationshipSL > S2 > S1 commonly exist
n these states, whereS1, having a relatively low entropy,
table at low temperatures, andS2, having a relatively hig
ntropy, becomes stable at high temperatures. In the

emperature phase, the high entropy compared with th
he low-temperature phase results in a crystal structure
s disordered, and therefore, has a high symmetry. Hen
an be easily understood that the entropy of fusion�Sf of S2

s smaller than that ofS1.
If theG(T) curve ofS2 moves upward as shown inFig. 4(b)

nder the condition thatS2 is invariant, the temperature of t
hase transformation fromS1 to S2, Ttr, moves toward th
quilibrium melting temperature,TE. If Ttr becomes highe

han TE, the S2 phase disappears in the equilibrium ph
iagram. In the undercooled melt, however, theS2 phase ca
e formed as a metastable phase, provided that the th
ynamic and kinetic conditions for the metastable pha
e nucleated and grown are satisfied.
was experimentally estimated to be approximately 0.5
emiconductive silicon[9].
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The negentropic model of the interface energy, which
enables the temperature dependence of the interface energy
to be incorporated into Eq.(1), has been applied in the phase
selection between�-and�-phases in binary Fe–Ni[10] and
ternary Fe–Ni–Cr[11] solid solutions. For solids having a
complicated crystal structure such as Nd2Fe14B, however,
the scaling factor has not been determined. Holland-Moritz
[12], however, showed using structural models of the inter-
faces of several Al–transition metal compounds, that the
scaling factor for polytetrahedrally packed structures should
be less than that for pure metals, being minimum for quasi-
crystalline compounds. Some typical values are 0.43 for
Al5Fe2, 0.39 for Al13Fe4 and 0.34 for the icosahedral phase.
On the basis of his results, we assume the value ofα to be
0.5, which is the intermediate value between pure metals and
quasi-crystalline compounds. In that case, the phase selection
between the stable and metastable phases at the nucleation
stage, which is controlled by the entropy of fusion, can be
formulated.

Fig. 5shows the critical undercooling,�Tn
c , as a function

of the entropy of fusion of the metastable phase,�Sms
f , where

�Tn
c and�Sms

f are normalized withT s
E and�Ss

f , respectively.
The superscripts, s and ms, indicate the stable phase and the
metastable phase, respectively. Concerning the hypothetical
melting temperature of the metastable phase, two cases are
shown: one shown by the bold line is whenT ms is assumed
t e is
w es
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4.3. Kinetic condition for metastable phases to grow

Under the assumption of diffusion-limited crystal growth,
the growth velocityV is given by the difference between
the rates of attachment and detachment of growth units at
a growth front:

V = aν exp

(
−�Sf

kB

)
exp

(
− ED

kBT

) [
1 − exp

(
− �G

kBT

)]

(3)

wherea, ν andED are the interatomic distance, the atomic
vibration frequency and the activation energy for atomic dif-
fusion in the liquid phase. The first exponential function is
due to the difference in the numbers of states between the
solid and liquid phases, that is, exp(−�Sf /kB) = Ws/Wl [13],
whereWs andWl are the numbers of states in the solid and
the liquid phases, respectively.

If �G can be assumed to be sufficiently small for the
higher-order term in the series expansion of the exponential
function in the bracket to be ignored, a kinetic coefficient
µ = V/�Tk is given by:

µ = D

aT

�Sf

kB
exp

(
−�Sf

kB

)
(4)

w and
D
s and
t
t um
a Ni,
t ately
1 In
t larger
t inter-
m ever,
� hose
k .

F s
e

E
o be 0.95T s

E, and the other shown by the dashed lin
hen it is assumed to be 0.98T s

E. The curves are the lin
long which�G*s =�G*ms. On the left-hand sides of th
urves, where�G*s >�G*ms, the metastable phase nuclea
ominantly, while the stable phase is dominant on the r
and sides of the curves, where�G*s <�G*ms. This figure
learly shows that the critical factor in phase selectio
he nucleation stage is the entropy of fusion of the metas
hase. The smaller entropy of fusion facilitates the metas
hase to nucleate more preferentially even with less ext
ndercooling.

ig. 5. Relationship between critical undercooling�Tn
c , above which act

ation energy required for formation of critical nucleus of metastable p
xceeds that of stable phase, and entropy of fusion of metastable phase�Sms

f .
T n

c and�Sms
f are normalized usingT s

E and�Ss
f , respectively.
here�Tk denotes kinetic undercooling at an interface
is the diffusion coefficient in the liquid phase.Fig. 6

hows the relationship between the kinetic coefficient
he dimensionless entropy of fusion�Sf /kB. As shown in
his figure, the kinetic coefficient passes through a maxim
t �Sf /kB = 1. In close-packed metals such as Cu and

he entropy of fusion has been reported as approxim
.0–1.2kB [14], which is the minimum in normal metals.

his case, metastable phases having kinetic coefficients
han those of stable phases are never anticipated. In
etallic compounds and semiconductive materials, how
Sf /kB is much larger than 1, where metastable phases w

inetic coefficients are intermediate may be discovered

ig. 6. Relationship between kinetic coefficient� and dimensionles
ntropy of fusion�Sf /kB.
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4.4. Crystal growth velocities in stable and metastable
phases as function of undercooling

In the case of the solidification into undercooled melts, the
bulk undercooling�T is given by:

�T = �Tt + �Tr + �Ts + �Tk (5)

where�Tt is the thermal undercooling given by:

�Tt = �Hf

CP
Iv(Pt) (6)

for the case in which the shape of the growth front can be
approximated using an elliptical paraboloid. In this equation,
�Hf is the enthalpy of fusion,CP is the specific heat of the
melt at constant pressure, and Iv(Pt) is the Ivantsov function
[15] given by:

Iv(Pt) = Pt exp(Pt)
∫ ∞

Pt

exp(−Pt)

Pt
dPt (7)

wherePt = VR/2al denotes the thermal Peclet number,R the
radius of the growth front andal the thermal diffusivity.

In Eq. (5), the curvature undercooling due to the
Gibbs–Thomson effect,�Tr, is expressed by:

�Tr = 2Γ
(8)
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Fig. 7. Relationship between growth ratesV and undercooling�T calculated
under assumption that entropies of fusion of stable and metastable phases are
2 and 1.2kB, respectively: (a) case thatT ms

E is assumed to be 0.98T s
E, and (b)

case thatT ms
E is assumed to be 0.95T s

E. �T
g
c denotes critical undercooling,

above which growth velocity of metastable phase exceeds that of stable
phase.

phases are assumed to be 2.0 and 1.2kB, respectively. There-
fore, the kinetic coefficient,µ, of the growth of the metastable
phase is calculated to be 1.33 times larger than that of the sta-
ble phase. The slope ofV versus�T for the metastable phase
is similar to that of the stable phase. The arrows denote the
critical undercooling�T

g
c , above which the growth veloc-

ity of the metastable phase exceeds that of the stable phase.
ComparingFig. 7(b) with (a), it looks as if the change inT ms

E
merely shifts the curve towards the high-undercooling side.
The change in�T

g
c due to the translation, however, is larger

than the translation, being several times larger than the change
in T ms

E . It is clear thatT ms
E , in particular the ratioT ms

E /T s
E,

strongly affects�T
g
c . Furthermore, it is noteworthy that�T

g
c

is almost the same as�Tn
c shown inFig. 2. This means that

the critical condition for the nucleation of the metastable
phase simultaneously satisfies the growth condition of the

Table 1
Material parameters used in calculation

Parameter Dimension

Cp/kB 3.5
T s

E K 1500
al cm2 s−1 0.05
D cm2 s−1 1× 104

Vm cm3 mol−1 8
a cm 2× 10−8
R

hereΓ =σ/�Sf is the Gibbs–Thomson coefficient. In
lloy system with a solute distribution, the constitutio
ndercooling�Ts must be taken into account. In the pres
xperiment, however, the chemical composition of the m
ial used is stoichiometric Nd2Fe14B, and partitionless cry
allization is assumed regardless of the crystallized ph
table or metastable. Therefore,�Ts can be ignored.

As stated above, the kinetic undercooling�Tk is given by:

Tk = V

µ
(9)

ccording to the marginal stability analysis[16], the radius o
he growth front that is assumed to be equal to the wavele
f a critical perturbation of a planar interfaceλI is derived as

= Γ/σ∗

Pt
�Hf
CP

(
1 − 1√

σ∗Pt
2

) , (10)

hereσ* , a stability constant, was approximately derive
e 0.025 using the marginal stability criterion[17].

Using Eqs.(5)–(10), and the negentropic model of t
nterface energy, we calculated the relation between gr
elocities and undercooling under the condition of low un
ooling. Fig. 7(a and b) show the results, whereFig. 7(a)
hows the case in whichT ms

E is assumed to be 0.98T s
E and

ig. 7(b) shows the case in whichT ms
E is assumed to b

.95T s
E. The typical values for the physical properties

he model material assumed in the calculation are liste
able 1. The entropies of fusion of the stable and metast
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metastable phase. The situation is similar for the case in which
�Sms

f /�Ss
f is 0.3. In these cases, the metastable phase can be

frozen at room temperature if the postsolidification cooling
rate is sufficiently high for the solid-state diffusional trans-
formation to the stable phase to be suppressed, as in the case
of free falling in the drop tube. In Fe–Ni[10] and Fe–Ni–Cr
[11] alloys with the chemical composition in which fcc�
is the stable phase, the bcc� phase has never been frozen
despite the fact that undercooling the melt below the critical
temperature promotes the nucleation of the bcc� phase. This
is because the dimensionless entropies of fusion of bcc� and
fcc � are approximately 1, at which the growth velocity of a
stable phase is always faster than that of a metastable phase.
It is clear that the critical factor in phase selection is the ratio
of �Sms

f to �Ss
f . If the value is small, for example 0.5, the

metastable phase nucleates and grows under an intermediate
level of undercooling.

5. Conclusion

Using the Nd–Fe–B alloy whose chemical composition
was stoichiometric Nd2Fe14B as the model material, con-
tainerless solidification processing was carried out in a 26 m
drop tube. The microstructures of the as-dropped samples
were investigated, and were classified into two types depend-
i ively
l itec-
t y
m
I pre-
d re
o l
c e II
m elt
w igh
f the
b and
g fac-
t hase
i se to
t than
0 able
p f the

metastable phase. For example, moderate undercooling, such
as 7% of the equilibrium melting temperature, will be suffi-
cient for the metastable phase to preferentially nucleate and
subsequently grow faster than the stable phase, provided that
the difference between the equilibrium melting temperature
of the stable phase and the hypothetical melting temperature
of the metastable phase is as small as 2% of the equilibrium
melting temperature of the stable phase.
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